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Zircon matrix composites, uniaxially reinforced with a variety of SiC fibres were fabricated in
order to create composites with different interfacial properties. Interfacial properties were
varied by changing the nature of fibre coatings. The effect of changes in interfacial shear
strength on important matrix properties, such as hardness and fracture toughness, was
studied on a micro-scale using the microindentation technique. In addition, the relative
orientation of the indented cracks with respect to the fibres was varied to investigate the
existence of anisotropic behaviour of the matrix. The results indicated that the crack growth
in the matrix was influenced by the presence of residual radial and axial stresses, such that
relatively higher crack lengths were seen in certain directions in the matrix with respect to
other directions. This asymmetric nature of the crack formation upon indentation was the
reason for the observed anisotropic fracture toughness of the matrix. The residual stresses

also led to anisotropic hardness and a critical load for crack initiation in the matrix.

1. Introduction

The fibre—matrix interfacial properties play a domi-
nant role in controlling the mechanical response of
composites, together with factors such as mechanical
properties of the fibre and matrix, and the processing
conditions. Optimization of the interfacial shear
strength can lead to a considerable enhancement in
toughness and strength of a composite [1-3]. These
observations on improved mechanical response have,
however, been made for properties of fibre-reinforced
composites on a macro-scale and not on a micro-scale.
An effective way to study the influence of interfacial
properties on the mechanical response of composites
on a micro-scale is to use the micro-indentation tech-
nique, which is now a readily accepted and imple-
mented method to evaluate important physical prop-
erties such as fracture toughness and hardness of the
monolithic ceramics [4-15]. In recent years, this
method has also been used to investigate the existence
of anisotropic mechanical behaviour in whisker-rein-
forced ceramic composites [16—18]. Wang et al. [19]
have reported measurements of fracture toughness in
a randomly oriented short-fibre ceramic composite.
Powell et al. [20] have calculated the microhardness
in a continuous fibre-reinforced ceramic composite,
although a detailed quantitative analysis has not been
performed.

In the present investigation, the technique of micro-
indentation was used to study the influence of changes
in interfacial shear strength on matrix properties on
a micro-scale in continuous fibre-reinforced ceramic
composites.
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2. Experimental procedure

Monolithic zircon and zircon-matrix composites,
uniaxially reinforced with silicon carbide fibres, were
fabricated by the method described in Singh [21].
Interfacial properties were modified by using either
the as-supplied silicon carbide fibres (Textron—SCS-6
and SCS-0) or coating them with a thin layer of boron
nitride or carbon. The composite made by using the
as-supplied SCS-6 fibres is designated UNC (un-
coated) and that with the boron nitride coating, BN.
The sample made by using as-supplied SCS—0 fibres is
designated Si-R (silicon rich) and that made with SCS-
0 fibres having a carbon-rich surface is designated
C-R. The uncoated and boron nitride-coated samples
created a weakly bonded interface, while the carbon-
rich and silicon-rich fibres surfaces resulted in relative-
ly stronger interfaces [22]. The interfacial shear
strength in these composites decreased as BN < UNC
< C-R < Si-R. A summary of composite character-
istics and interfacial properties for these composites is
given in Table L.

Specimens representing these four types of interfaces
were polished in two different orientations. These ori-
entations have been referred to as longitudinal (LN)
and transverse (TR). A schematic drawing of the two
orientations is given in Fig. 1. Polishing was done with
diamond pastes of progressively increasing fineness
leading to a final finish with a 1 pm size. This ensured
that the surface damage produced during grinding and
rough polishing stages was minimized so that the final
sample surface was relatively free of polishing-induced
stresses prior to the indentation studies [6].
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TABLE I Interfacial properties as calculated by the shear-lag
model [22]

Composite T4 on® ue 7
(coating) (MPa) (MPa) (MPa)
BN 8.80 31.67 0.21 6.63
(boron nitride)

UNC 13.35 31.63 0.23 743
(uncoated)

C-R 40.35 14.88 0.95 14.16
(carbon-rich)

Si-R ~100 - - -

(silicon-rich) .

2 Interface debond shear strength.
b Residual normal stress.

¢ Coeflicient of friction.

4 Frictional shear strength.
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Figure I Schematic illustration of a composite showing two planes
of polishing for the different samples.

A Vickers pyramid micro-indentor made of dia-
mond was used to measure the hardness, fracture
toughness, and crack initiation load for both the
monolithic zircon and fibre-reinforced composites.
Samples in the longitudinal and transverse orienta-
tions were indented to obtain matrix properties on
a micro-scale using the following approaches.

2.1. Hardness (H)

A load of 0.7kg was used to measure the Vickers
hardness of all the samples. This load was chosen
because it created indentation impressions which were
large enough to be measured accurately. Vickers hard-
ness was calculated using the relation [23]

H = 1.854P/L? (1)

where P is the indentation load (kg), and L is the
average length of the indentation diagonals (mm).
A set of 10 indentations was made on each sample to
calculate the average hardness.

2.2. Fracture toughness, K

Initially, trial indentations were made in the load
range of 1-4 kg for the monolithic and composite
samples to find a suitable load for fracture toughness
measurements. A distance of more than four times the
approximate crack length was maintained between
the centres of any two adjacent indentations to ensure
that the cracks from one indentation did not interact

with those of the other. Also, the crack lengths were
measured immediately after an indentation to avoid
any post-indentation crack growth [6]. A load of
2.5 kg was chosen to make indentations for fracture
toughness measurements, because this load produced
consistent and well-formed cracks with a symmetrical
pattern. Indentations were made in the matrix at the
mid-point between two fibres in the longitudinal ori-
entation in such a manner that the two cracks formed
were either parallel or perpendicular to the fibre axis
(Fig. 2). These crack lengths were designated C, and
C,, respectively. The load was optimum in the sense
that the cracks running perpendicular to the fibre axis
were small enough so as not to interact with fibres.
The crack length, 2¢, and indentor impression diag-
onal, 2a, were measured for each indentation. Corres-
ponding toughness values were then calculated for
each set of two cracks formed by indentation (see Fig.
2). In the case of the transverse orientation, a set of
indentations was made away from the row of fibres
and another set near the row of fibres, as shown in Fig.
3. Again, the crack length and impression size were
measured in the directions parallel, x, and perpendicu-
lar, y, to the row of fibres (sec Fig. 3). Corresponding
toughness values were designated X,yay, Xnears Yaways
and Y., (the subscripts near or away signifying
whether the indentation was made near or away from
the row of fibres). A set of 10 indentations was made
for each type of sample. The fracture toughness of the
matrix was calculated using the following equation

[8]
Kcd H\04 e (¢/18a) — 1.51
(me)ie) @ - (7 @

where K¢ is the mode I fracture toughness, H is the
hardness of the matrix, a is half of the indentor impres-
sion diagonal, ¢ is the crack length, E is the elastic
modulus of the matrix, o is a non-dimensional con-
stant, dependent on Poisson’s ratio of the matrix, and
¢ is a constraint factor =~ 3.0.
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2.3. Critical load, P
Monolithic zircon and zircon matrix between the
fibres in four types of composites were indented at
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Figure 2 Schematic illustration of a composite polished in the lon-
gitudinal orientation. C, and C, refer, respectively, to cracks formed
along and perpendicular to the fibre axis.
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Figure 3 Cross-section of a composite polished in the transverse
direction. C, and C, are cracks along the x and y directions,
respectively.

different locations to determine the minimum load
needed for crack initiation at the corners of the inden-
tation impression. This was done in both the longitu-
dinal and transverse orientations. Again, a set of 10
indentations was made for each orientation to deter-
mine the average value.

3. Results and discussion

3.1. Matrix properties

The hardness of the monolithic zircon, as determined
by the Vickers indentation method, was 12.4 GPa.
This was higher than any of the measured hardness
numbers for the matrix within a composite. The frac-
ture toughness was 1.9 MPam!?, which is lower than
the toughness values for the matrix in the composite
samples. The critical load needed to initiate cracks in
the monolithic zircon was 0.15 kg.

3.2. Residual stress state of the matrix
in the composite

Residual stresses in the matrix are created by the
thermal expansion mismatch between the fibre and
the matrix. These residual stresses have been cal-
culated earlier by various authors [24-28]. The ther-
mal expansion coefficients of SCS-6 and SCS-0 fibres,
and zircon matrix are 4.89 x107¢, 444 x107°, and
5.17x107°°C™1, respectively [29]. The difference in
the coefficients of thermal expansion between the fibre
and the matrix leads to residual stresses in the axial
and radial directions in the composite. If the coeffic-
ient of thermal expansion of the matrix, o, is higher
than the corresponding value for the fibre, o, then this
causes axial tensile stresses in the matrix and radial
compressive stresses at the fibre—matrix interface and
in the matrix. Conversely, if o > o, then the matrix is
under axial residual compressive stress and the
fibre-matrix interface experiences a radial tensile
force. As o, > o in the present system, this should
give rise to a tensile stress, o, in the axial direction, as
shown in Fig. 4. The stress in the radial direction at the
fibre—matrix interface is compressive due to the ther-
mal expansion mismatch, but it can change to tensile
stress away from the fibres. The explanation for the
origin of this tensile stress is shown in Fig. 4. Fig. 4a
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Figure 4 Schematic illustration of a composite showing the nature
of residual stresses. Regions between two fibres may experience a
tensile stress (minima in curve b) or a lower compressive stress
(minima in curve a) between fibres. In contrast, areas near the fibre
are under compressive stress.

illustrates a hypothetical situation where the fibres
from the composite have been removed and, as a
result, the matrix now has cavities in place of the
fibres. The region of the matrix between any two fibre
cavities experiences a tensile force because, on cooling,
the matrix tries to contract in opposite direction into
these cavities which contained the fibres. This results
in a tensile stress, o, in the matrix, as shown in Fig.
4a. Now, consider the next situation, as shown in Fig.
4b, where the fibres have been placed back into the
cavities. In this case, the matrix is no longer able to
contract into the cavities which are occupied by the
fibres and hence, this results in a radial compressive
force ( — o,) at the fibre—matrix interface. The result-
ing stress state due to the tensile and compressive
stresses as described in Fig. 4a and b is shown in Fig.
4¢. Curve (a) represents a situation where the compres-
sive stress is high near the fibres and decreases as the
radial distance increases. Curve (b) represents another
situation where the stress away from the fibres is
tensile in nature, but it is still compressive when the
radial distance is small. Either of the two cases is
possible during processing and the final stress state
will be a function of various parameters such as coeffi-
cients of thermal expansion, Poisson’s ratios, and elas-
tic moduli of the fibre and matrix. Also, the unreinfor-
ced areas of the matrix at the top and bottom of the
composite have no fibres and hence a net compressive
stress ( — o) exists.



3.3. Dependence of matrix hardness
on interfacial shear strength

A plot of the variation in hardness with a change in
interfacial shear strength is shown in Fig. 5. It can be
seen that the hardness values for samples in the trans-
verse orientation are higher than the corresponding
values in the longitudinal orientation. This can be
explained by considering the stress state in the matrix,
as discussed in the previous section. Lower hardness
in the longitudinal orientation suggests that a tensile
stress, O, exists in the radial direction (Fig. 4c, curve
b). This radial tensile stress, coupled with the addi-
tional tensile stress, G, in the axial direction results in
a lower hardness because these tensile stresses facilit-
ate the penetration of the indentor into the matrix
upon application of the load to the indentor. In the
case of transverse orientation, only one of these stres-
ses, O, exists and hence the hardness is higher in
comparison to that in the longitudinal orientation. It
can also be seen that the hardness in the transverse
orientation is, in general, higher for samples fabricated
by using carbon-rich and silicon-rich fibres in com-
parison to those made from boron nitride-coated and
uncoated fibres. This can again be explained by con-
sidering the effect of the radial compressive stress
resulting from thermal expansion mismatch. The
values of the radial compressive stress as found experi-
mentally with the fibre push-out test [24] and theoret-
ically calculated by the thick cylinder model, are given
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Figure 5 Dependence of matrix hardness on interfacial shear stress
for samples in the (O) longitudinal (LN) and (<) transverse (TR}
orientations.

in Table II. In the case of C-R and Si-R samples, both
the experimental and calculated values of the residual
stresses are higher than the corresponding values for
the BN and UNC samples. A higher radial compres-
sive stress, combined with the tensile stress, o, can
result in a lower net tensile stress, or even a net
compressive stress in the matrix. As a consequence,
more resistance to penetration occurs during indenta-
tion and this results in a higher hardness value. These
observations on hardness values suggest that the coef-
ficient of thermal expansion of the matrix is higher
than that of the fibre, which is in agreement with the
earlier results of Reddy et al. [24].

3.4. Dependence of fracture toughness on
interfacial shear strength

3.4.1. Longitudinal orientation

Fig. 6 shows results for samples in the longitudinal
orientation. A general trend of higher fracture tough-
ness in the x direction is seen in comparison to data in
the z direction. A consistent decrease in fracture
toughness with increasing interfacial shear strength
{from BN to C-R) is also observed. In addition, there
seems to be a small increase in fracture toughness from
sample C-R to Si-R. The dependence of fracture
toughness on constituent material parameters can be
assessed by using Equation 2. In this equation, the
fracture toughness is directly related to (c/a)* (where
x = (¢/18a) — 1.51), 1/H®* and a'/*. A comparison of
Fig. 6 with Fig. 5 indicates that there is an inverse
relationship between the fracture toughness and hard-
ness. Also, a comparison of Fig. 6 with Fig. 7 shows
a very high degree of inter-dependence between the
fracture toughness and (c/a) ratio. Thus, we see that
the parameter (c/a) has a much stronger influence on
toughness and dominates over the effect of hardness
on fracture toughness values. This influence of (¢/a)
ratio on fracture toughness can be used to explain the
different fracture toughness values calculated by using
the crack lengths in x and z directions, and also the
variation in toughness with increasing interfacial
shear strength. The magnitude of the (c¢/a) ratio can be
affected by the presence of the axial and radial residual
stresses in the matrix. Fig. 7 shows that the (¢/a) values
in the x direction are distinctly lower than the values
in the z direction. Fig. 8a illustrates the effect of the
residual stresses on the indentation crack lengths for

TABLE II Experimental and theoretical values of the residual radial and axial stresses in the matrix resulting from the thermal expansion

mismatch between the fibre and the matrix [22]

Composite Axial stress (MPa) Radial stress (MPa)
{coating)

Theoretical Experimental Theoretical Experimental
BN —36.1 - 39.8 31.67
(boron nitride)
UNC —36.1 —57.8 39.8 31.63
(uncoated)
C-R —109.1 —48.7 95.7 14.88
(carbon-rich)
Si-R —109.1 - 95.7 -

(silicon-rich)
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Figure 6 Fracture toughness values as a function of the interfacial
shear strength for composites in the longitudinal orientation. (O) z,
(@) x.
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Figure 7 Influence of interfacial shear strength on the (¢/a) ratio for
the composites in the longitudinal orientation (see Section 2.2).
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Figure 8 Schematic illustration of a composite showing the effect of
axial and radial residual stresses on the indentation crack lengths.
In longitudinal orientation (a), axial stress, o,, and radial stress, o,
influence the crack lengths in the x and z directions, respectively. In
the transverse orientation (b), tensile stress, o,, increases the crack
length in the y direction. Compressive stresses ( — o) near the fibres
results in tensile stress, ,, on indentation and this increases the
crack length in the x direction.
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a sample in the longitudinal orientation. The axial-
stress, ©,, and the radial stress, &, tend to increase the
crack length in the x and z directions, respectively. The
above observation of longer crack length in the z di-
rection indicates that the radial stress, ,, is higher
than the axial stress, o,. The fracture toughness values
for composites BN and UNC are higher than for
composites C-R and Si-R. This could be because of the
lower value of the axial tensile stress, o, as a result of
the interfacial sliding at the weak interface. Also, the
state of the radial stress, o, may change due to inter-
facial sliding and this could, in turn, result in lower
tensile residual stresses and higher fracture toughness
values.

3.4.2. Transverse orientation

In the case of transverse orientation, the uncoated
sample (UNC) has the highest toughness values in all
cases, while C-R has the lowest values (Fig. 9). In the
case of samples BN, C-R and Si-R, the fracture tough-
ness values are lower, in general, for the cracks parallel
to the row of fibres (i.e. Xy and X,,,) in comparison
to the cracks perpendicular to the row of fibres (ie.
Vaway a0d yoc..). Fig. 9 also reveals that the fracture
toughness for cracks parallel to the row of fibres is
higher for indentations made away (X way) in compari-
son to those near the fibres (X, ), €xcept in the case of
C-R where a significant difference is not seen. These
observations suggest a possible influence of fibres on
crack growth in the matrix. Again, a comparison of
Figs 9 and 10 shows that the parameter (c/a) has
a strong influence on fracture toughness values for the
transverse orientation, as was seen in the case of longi-
tudinal orientation in Section 3.4.1. Therefore, a better
appraisal of the influence of fibres on crack growth
and fracture toughness is possible by studying the
changes in the parameter (c/a) for samples having
different interfacial shear strength values (Fig. 10).
First observation from Fig. 10 is that the (¢/a) ratio for
the cracks in the x direction is greater in comparison
to that for cracks in the y direction for composites.
BN, C-R and Si-R. This suggests that the crack exten-
sion in the y direction faces a resistance because of the

4.0 T —T T T

T

112
)

3.5

3.0

T T T T T T

25

T T T

2.0

Fracture toughness ( MPa m

™TT

STTION TR YK T 20 UK S SO [N N SO WO S S S A ) AN WA

1 —

1.5 L .
BN UNC C-R Si-R

Figure 9 Fracture toughness for the samples in transverse orienta-
tiOn (_ 7D_ 7) xaway’ (4 - A - 7) yaway’ (—*.~) xnear’ (fA———)

ynear‘



2.4

2.2

LIRS B ey B

(c/a)

2.0

1.8

P SRR RN NS AU RNTR HNT S N

T T T T

1.6 | { - L
BN UNC C-R Si-R

Figure 10 (c/a) ratio as a function of the interfacial shear strength
for composites in the transverse orientation. (- -[J- -) x

(_ - A_ _) yaway’ (;._) xnear’ (RA*) ynear'

away?

compressive stress, resulting in the matrix area of the
composite where there are no fibres, as shown in Fig.
4a. The second observation is the higher c/a values
obtained when the indentations are made near the row
of fibres in comparison to those made away from the
fibres. This is true for cracks in both the x and y direc-
tions. In this case, the crack length in the y direction
increases as the indentations are made near the fibres
because the compressive force ( — o) becomes lower
in magnitude, and hence offers lower resistance to
crack extension (Fig. 8b). However, the crack exten-
sion in the the x direction is restricted due to the
presence of fibres near the indentation, which results
in a compressive stress. Also, the presence of a com-
pressive stress ( — ©,) in the radial direction near the
fibres (Figure 8b) contributes to crack extension in the
x direction. Thus, the matrix region in the vicinity of
the crack tip experiences a tensile stress, o, in the
direction perpendicular to the radial compressive
force, as shown in Fig. 8b. This tensile stress, coupled
with the tensile stress that results because of the inden-
tation load, creates a longer crack length when the
indentations are made near the row of fibres. For
samples having higher interfacial shear stress, the
radial compressive stress increases and this should
lead to lower crack length in the y directon and higher
length in the x direction. Fig. 10 shows that the crack
length in the x direction for indentatons near the fibres
tends to increase with higher interfacial shear stress
values, with the exception of sample UNC. For the
cracks in the y direction, the variation in the crack
lengths as a function of the interfacial shear stength is
not clear. The inconsistent variation in the crack
lengths in the transverse orientation can be explained
by considering that only radial stress, G, is present in
this orientation, unlike in the longitudinal orientation
where both radial and axial stresses influence the crack
lengths. Also, the deviation in the position of the fibres
from the regular square array (as assumed in Fig. 3) is
expected to change the stress distribution within the
matrix which is expected to affect the results.

3.5. Critical load measurements
A plot of the minimum indentor load, P, needed to
initiate cracks at the corners of the Vickers indenta-

tion for the four types of sample is shown in Fig. 11.
The critical load values for composites fabricated us-
ing uncoated and boron nitride-coated SCS—6 fibres
are appreciably higher than those composites having
carbon-rich and silicon-rich fibre surfaces. In addition,
the P values in the longitudinal orientation for com-
posites BN and UNC are higher than the correspond-
ing values in the transverse orientation. A comparison
of the critical load data in Fig. 11 with the average
fracture toughness values in the longitudinal and
transverse orientations indicates that the critical load
scales with the fracture toughness values. The average
toughness of sample BN is higher in the longitudinal
orientation (2.9 MPam?/?) than in the transverse ori-
entation (2.5 MPam?'/?) (Table III). Accordingly, the
critical load is higher in the longitudinal orientation
(1.0 kg) in comparison with the transverse orientation
(0.5kg). For the sample containing uncoated fibres,
a reverse trend is seen. Here, the fracture toughness is
higher in the transverse orientation but a correspond-
ingly higher critical load is not seen. In the case of
C-R, the toughness values for the two orientations are
very close to each other (2.1 MPam?/2 for the longitu-
dinal and 2.3 MPam!/* for the transverse orientation).
Correspondingly, we see that the critical load values
are equal (0.15 kg) for composite C-R in both orienta-
tions. In the case of a sample made from fibres having
a silicon-rich surface, the average fracture toughness
value is higher in the transverse orientation
(2.5 MPam'/?) than in the longitudinal orientation
(2.1 MPam??). When compared with the critical load
data, it can be seen that the critical load is also slightly
higher for the transverse orientation (0.15 kg) than the
load required for the Ilongitudinal orientation
(0.12 kg). These results indicate that the critical load
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Figure 11 Dependence of the critical load needed to initiate cracks
on the interfacial shear strength. (O) LN, (¢) TR.

TABLE III Average fracture toughness, K¢ (MPam?/?), values in
the longitudinal (LN) and transverse (TR) orientations

Composite type K¢ (LN) K¢ (TR)

BN 29 +0.25 25+025
UNC 2.8 +£0.50 3.14040
C-R 2.1+0.23 2.3 +0.18
Si-R 2.1+020 2.5+0.20
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can be directly related to the average fracture tough-
ness value in the two orientations for these samples.

4. Conclusions

1. A micro-indentation technique using the Vickers
micro-indentor was successfully used to study the
matrix properties on a micro-scale in continuous
fibre-reinforced ceramic composites.

2. Properties of the zircon matrix in fibre-rein-
forced composites were found to be different from the
monolithic zircon. The fracture toughness of the
monolithic zircon was lower (1.9 MPam'/?) and the
hardness was higher (12.4 GPa) than the correspond-
ing values of the zircon matrix in several composites.
The critical load for the monolithic zircon was 0.15 kg,
which was lower than the values for the matrix in the
composite samples fabricated using uncoated and
boron nitride-coated fibres. This value of the critical
load was the same as that for samples made with fibres
having carbon-rich and silicon-rich surfaces.

3. The matrix exhibits distinctly anisotropic behav-
iour in terms of the hardness and fracture toughness
values. The observed anisotropy occurs because of the
presence of radial and axial residual stresses in the
composite. These residual stresses are created by the
thermal expansion mismatch between the fibre and
the matrix.

4. There exists a direct correlation between the frac-
ture toughness and the critical load needed to initiate
cracks in the matrix. A knowledge of the minimum
load needed to initiate cracks in the matrix becomes
important because this load signifies the onset of
mechanical and chemical degradation of the com-
posite.
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